Compared with Li-ion batteries, Mg-ion batteries would represent a transformative advance in terms of safety, cost, and performance. Achieving the reversible storage of divalent Mg ions within solid-state frameworks has been exceedingly difficult. Here, Banerjee and colleagues have designed a cathode material that combines high voltage, high capacity, and excellent cycle stability for Mg-ion batteries. 
INTRODUCTION
Electrochemical energy storage is at a crossroads where numerous fundamental impediments must be addressed for large-volume production to meet technology needs in transportation and grid storage. 1 The shortcomings of the current paradigm, the Li-ion battery, are well known. 2 Significant effort has been devoted both to maximizing the energy density of the cell via the discovery of new solid electrode materials that can intercalate high concentrations of Li ions at either highly reducing or oxidizing potentials 3 and to improving kinetics and reversibility by nanostructuring existing candidates. 4, 5 However, Li-ion batteries continue to encounter issues of safety and sustainability and are ultimately limited by the most fundamental of limitations: the monovalency of the Li ion.
Several alternatives have been proposed as direct replacements for Li-ion technology, including Na-ion and multivalent-ion (Mg 2+ , Ca 2+ , and Al 3+ ) technologies.
The Na ion is viewed as a direct and more sustainable replacement to the Li ion because of its monovalency and greater crustal abundance. However, the much larger radius of Na + creates bottlenecks to reversible insertion, and Na + technologies do not overcome the limitations of Li ions in terms of the amount of charge that can be stored. In contrast, multivalent-ion technologies are viewed as competitive successors to Li-ion batteries in part because of the prospect of storing more charge per ion at the cathode. These cations have the added benefit of being much more earth abundant than Li and much less reactive in metallic form, adding to the safety of the technology. In particular, batteries based on the shuttling of Mg 2+ represent the most attractive alternatives because the small size and mass of these ions can be extrapolated to high theoretical energy storage metrics.
2,6
The Bigger Picture
The worldwide push to advance renewable energy is limited by the availability of energy storage vectors. Currently, Li-ion technology dominates; however, the safety and long-term criticality of Li remain serious concerns. Mg is much more abundant than Li, has a higher melting point, and does not form dendrites, making it a safer and more environmentally sustainable choice for intercalation batteries. The improved safety further allows for the use of Mg anodes, leading to a 6-fold increase in specific energy density at the anode. The development of Mg-ion intercalation batteries has been plagued by a dearth of suitable cathode chemistries. Here, we describe a metastable cathode material that is one of the few materials capable of reversibly inserting Mg 2+ and elucidate the chemical mechanisms of insertion with an eye toward developing high-energy-density and highcycle-performance cathode materials for the realization of Mgion batteries.
Indeed, the use of metallic Mg as the anode would bring about a transformative leap in volumetric energy density (theoretically predicted values are 3,832 mA hr cm À3 for metallic Mg versus ca. 800 mA hr cm À3 for the graphite anode of Li-ion cells). 6, 7 The shift to Mg also promises to allay long-term concerns regarding the sustainability of Li-ion battery technologies as a result of the low crustal abundance of Li (0.006%), 8 which will eventually necessitate the mining of Li from brine and deep-sea vents and lead to potential environmental impacts of unknown severity. 9, 10 In contrast, Mg has a much higher abundance than Li (1.94%) 8 and is more desirable from a safety perspective because Mg is non-dendrite forming, effectively eliminating the risk of thermal runaway. 11, 12 Despite the straightforward conceptual notion of substituting a monovalent cation for a divalent cation, attempts at developing Mg battery technologies have been thwarted by a plethora of materials limitations, including a lack of suitable electrolytes 8, [13] [14] [15] and cathode materials. Arguably the greatest of these obstacles is the lack of cathode materials amenable to the reversible insertion of Mg ions, primarily because of their slow solid-state diffusion kinetics, which have been attributed to the significant polarization of anionic frameworks and stronger cation-cation repulsions induced by the much more ''hard'' (high charge-to-radius ratio) Mg ion. 6 This same problem has plagued the search for Al-ion batteries, making suitable cathode materials even rarer, because the highly localized trivalent charge is even more polarizing. 16 One proposed approach to solving this problem is to move beyond Mg-ion to Ca-ion chemistries and thereby retain the benefits of the divalent charge but increase the radius and thus decrease the polarizing strength of the intercalating cation; however, as in the case of the larger Na + , the increased ionic radius of Ca 2+ makes the identification of suitable cathode materials rather difficult. 17, 18 Currently, Al- 19 and Ca-ion 17, 18 cathode architectures are very scarce and are not discussed further here. However, several modifications of the V 2 O 5 framework have been used as cathode materials for Li-, Na-, and Mg-ion insertion. In particular, the thermodynamically stable (orthorhombic) phase of V 2 O 5 , a naturally occurring mineral ore, has been extensively studied as a cathode material for electrochemical insertion of various cations. This material was one of the first proposed by Whittingham 20 when he evaluated materials for Li-ion intercalation. Indeed, a-V 2 O 5 presents many desirable characteristics; it is a layered material with ample interlayer spacing to accommodate intercalating ions. The single-layered V 2 O 5 structure comprises upup-down-down-facing VO 5 square pyramids, which share edges and corners. Li, which is small, can diffuse through this framework, although small polarons are stabilized, coupling the intercalated Li ions with an electron and a localized lattice distortion.
Although Na- 21 and Mg-ion [22] [23] [24] intercalation in the orthorhombic single-layer V 2 O 5 has been observed, capacities are much lower than expected on the basis of spatial or redox considerations ($0.17 Mg per V 2 O 5 ). 22 Relatively higher capacities have been observed for the xerogel phase of V 2 O 5 . 25, 26 This xerogel phase is a bilayered V 2 O 5 polymorph, which incorporates interlayer and structural water molecules 27 and can more accurately be described as having a composition of V 2 O 5 $1.8H 2 O. Two structural features of the xerogel phase contribute to the increased intercalation capacities observed for Na + and Mg 2+ . First, the water present within the structure greatly expands the interlayer spacing from 4.37 Å for a-V 2 O 5 to 11.53 Å for the bilayered structure. 27 As mentioned previously, the primary difficulty in intercalating Na ions is accounting for the increased ionic radius. In this way, the expanded interlayer spacing of this xerogel or bilayered phase increases the capacity of Na ions. 22, 23 and the excess capacity observed in several studies has been attributed to proton intercalation. 24 In past theoretical work, we proposed the use of metastable V-O frameworks stabilized by the topochemical extraction of cations from ternary vanadium oxides as electrode materials, 16, 30 thereby greatly expanding the available range of potential cathode materials and suggesting entirely different vanadium-oxygen connectivity not accessible within thermodynamic minima. We posited that several of these compounds will enforce ''frustrated coordination environments'' on the Mg ions and should thus facilitate the facile diffusion of highly polarizing inserted ionic species. 16 
RESULTS

Topochemical Mg
It has been well established that topochemical reactions can serve as a useful analog to related electrochemical processes. 55, 56 Figure 1 illustrates our approach to synthesizing the z-V 2 O 5 phase, as well as an approach to ''topochemical cycling'' of the materials through initial magnesiation of the structure via reaction with di-n-butylmagnesium in heptane and subsequent demagnesiation via reaction with NOBF 4 in acetonitrile, each of which retains the original oxide framework. The quasi-1D Figure S1 . The geometric structure of the materials was investigated by X-ray diffraction (XRD) (Figure 2 ). Figure 2A refinement of the crystal structure. The sample used in this study had a residual Ag content of x z 0.06. The distinctive tunnel structure of z-V 2 O 5 was also investigated by transmission electron microscopy (TEM), electron diffraction, and aberration-corrected scanning transmission electron microscopy (STEM), presented in Figure 3 . Figure 3A shows a low-magnification TEM image of z-V 2 O 5 , which elucidates the nanowire morphology; the electron diffraction pattern shown as an inset in Figure 3A Figure S1 and shows that the refined structure maps well to the peak profiles and confirms the phase purity and successful elimination of residual AgCl. verifies the single-crystalline nature of the pristine nanowires. In this system, as shown in Figure 3A , the growth direction of the nanowires was perpendicular to the 1D tunnels. Hence, ion insertion was expected to occur radially within these z-V 2 O 5 nanowires. The atomic-resolution high-angle annular dark field (HAADF) image ( Figure 3B ) confirms the structure solution of this metastable polymorph, 54 which is depicted in greater detail in Figure S2 . In this HAADF image, which is sensitive to Z contrast, the vanadium atoms can be clearly seen, and the observed motif is reproduced well by the structural model of pristine z-V 2 O 5 along the [110] zone, which is overlaid on the experimentally acquired image. This provides a direct view of the empty tunnels and verifies the structural assignment noted above. The nanowire growth direction, as well as the spacing between V atomic columns, is clearly marked on the atomic-resolution HAADF image presented in Figure 3B .
The empty z-V 2 O 5 structure can subsequently be chemically magnesiated by aqueous and non-aqueous routes. 54 In the former method, which was used to synthesize the sample generating the pattern depicted in Figure 2B , the chemically magnesiated phase was obtained by reaction with metallic Mg nanoplatelets in water. 54, 57 The same pristine sample used for generating the pattern in Figure 2A was chemically magnesiated and used for obtaining the diffraction pattern in Figure 2B . Thus, changes in the diffraction pattern from Figure 2A to 2B can be directly attributed to the magnesiation reaction. The most significant difference between the diffraction patterns was a slight expansion in lattice parameters, indicative of the insertion of the small Mg ions into the 1D tunnels of z-V 2 O 5 , resulting in a change in volume from 522.96 to 525.63 Å 3 (Table S1 ). The small change in volume is in line with predictions from density functional theory (DFT) calculations, which suggest that the 3D rigid framework is not extensively deformed by topochemical insertion of Mg ions. 16 A significant diminution in peak intensity for reflections from the {200} family of planes was observed upon Mg-ion intercalation; these planes sliced the two b sites where the inserted cations resided. The significant decrease in peak intensity of the (200) reflection can be attributed to increased electron density within the tunnels upon insertion of Mg ions nearing the stoichiometric limit of x = 1/3 for this material, as enforced by the space constraints of the empty b site. 58 A similar diminution in the intensity of {111} reflections, which intersected the 1D tunnels, was also observed. These changes to the diffraction profile suggest a topochemical expansion of the lattice to accommodate the intercalated Mg ions, which reside within square-pyramidal sites, as illustrated by the orange polyhedra in Figure 2C , and which were quite distinct from the seven-coordinated local geometries of Na and Ag ions in isostructural Wadsley-type b-M x V 2 O 5 bronzes. 54, 59, 60 Notably, a five-coordinate local geometry is not preferred by Mg ions, and this structure thus enforces a somewhat ''frustrated'' local coordination sphere. The refined structure of b-Mg 0.331 V 2 O 5 is shown in Figure 2C and in further detail in Figure S2 . The details of the refinement, including atom positions (Table S1 ) and bond distances and angles (Table S2) Characterization of the structure and morphology of the samples magnesiated as per Equation 1 and demagnesiated as per Equation 2 is depicted in Figure 4 . The structural change upon magnesiation and demagnesiation as observed in powder diffraction manifested as a change in the 2q position of the {00l} and {l00} reflections, as shown in expanded views of these reflections in Figure 4A . The shift of both reflections to lower 2q values upon magnesiation is consistent with expansion of the tunnels on Mg 2+ insertion. The return of the reflections to values near those of the pristine material indicates recovery of the pristine z-V 2 O 5 structure upon NOBF 4 treatment and attests to the reversibility of the magnesiation process. A pronounced change in color from orange-yellow (characteristic of V 5+ ) to dark green was observed upon magnesiation ( Figure S3 ). Importantly, the removal of the Mg ions was necessarily coupled to a re-oxidation of the V 2 O 5 lattice, which brought about a reversion to an orange-yellow color. Energy-dispersive X-ray spectroscopy analysis (EDX) is shown in Figure S3 and corroborates that Mg ions are indeed incorporated in and removed from the sample, respectively, necessitating that their introduction into the structure should lead to changes in the structure of z-V 2 O 5 revealed by diffraction. Reaction as per Equation 1 allows for nearly complete occupancy of the b sites along the 1D tunnels. In contrast, the Mg ions are almost entirely removed upon leaching with NOBF 4 . In contrast to other vanadium oxide materials wherein co-intercalation of water with Mg 2+ has been observed to increase the observed capacity of the material as a result of proton insertion, 24 we observed no evidence of co-intercalation of water or hydrogen into the relatively spatially constrained quasi-1D tunnels of z-V 2 O 5 , as demonstrated by a lack of spectroscopic signatures of water in X-ray absorption spectroscopy (XAS) (Figure 7) , as discussed later.
The z-V 2 O 5 materials prepared here had lateral dimensions of 149 G 5 nm and ranged several micrometers in length, consistent with previously reported dimensions for the precursor, b-Ag x V 2 O 5 , 54 although their lengths were somewhat reduced because the powders were ground before topochemical magnesiation and demagnesiation. Figures 4B-4D indicate retention of morphology upon magnesiation and demagnesiation, attesting to the topochemical nature of this process and further suggesting a high degree of structural stability and the ability to mitigate strain induced by volume expansion (which is < 1% according to the refinements above). Because the 1D tunnels were perpendicular to the direction of wire growth, Mg 2+ diffusion occurred along the shortest dimension of the wires, which was most likely conducive to facilitating homogeneous magnesiation and demagnesiation by providing short diffusion path lengths for the cations and thereby helped to improve slow diffusion kinetics such as those observed with orthorhombic V 2 O 5 . 21, 23, 62, 63 Critically, despite the $150 nm 1D diffusion path lengths, finite size effects in other V 2 O 5 phases have not been considered significant until dimensions are scaled to $50 nm. 5 It is therefore likely that the behavior exhibited here more closely approximates ''bulk'' behavior for this material, making nanostructuring of great importance for future studies aiming to improve diffusion kinetics.
The z-V 2 O 5 nanowires were also electrochemically cycled in a Mg 2+ electrolyte with coin-type cells in a hybrid configuration at 50 C ( Figure 5 ). As a comparison, the topochemical syntheses were performed at room temperature for the aqueous method and 98 C for the non-aqueous method. The first discharge cycle ( Figure 5A ) showed a capacity of 140 mA hr g À1 , which corresponds to the intercalation of 0. The observed capacity suggests Mg intercalation very close to the expected maximum capacity of the crystallographic b site ( Figure S10 ), which represents the most favorable intercalation site for the inserted cations. 16, 28 However, the Coulombic efficiency was limited to 55% during the first cycle, most likely because of the observed sluggish intercalation kinetics, especially during demagnesiation (charging). Continued cycling reduced the polarization of charging by 0.59 V and enhanced the Coulombic efficiency up to 84.2% for 100 th cycle, suggesting improved intercalation kinetics with increased cycling, most likely as a result of a combination of interfacial stabilization and improved wetting of the composite electrode by the electrolyte. Such an abrupt increase in Coulombic efficiency over the first several cycles was often observed as the SEI layer was formed and then reconstituted, marking a pronounced decrease in the amount of parasitic, irreversible side reactions, which limit capacity in early cycling. 64 As the number of parasitic reactions decreased and SEI was stabilized, the accessible capacity stabilized at 90 mA hr g À1 .
This exceptional cycling stability is depicted strikingly in Figure 5B , which shows a cycling performance and stabilization of the capacity at 90 mA hr g À1 after 50 cycles.
A magnified view of powder XRD patterns in Figure 5C ( Figure S4 ) further demonstrates the reversibility of the structural changes during electrochemical cycling (collected after the initial discharge cycle). The similarities between the diffraction patterns of the topochemically and electrochemically prepared samples ( Figures  4A, 5C , and S4, respectively) are striking and suggest that the two processes occur via the same mechanism, allowing structural insight deduced from the chemically prepared phase to be applied to that of the electrochemically prepared phase. Upon magnesiation (discharge), the (001) reflection shifted to a lower-angle z-V 2 O 5 , reflecting an expansion of the lattice as a result of Mg 2+ insertion and V
reduction. An additional reflection was observed at a higher angle of 9.5 and most likely corresponded to stage-ordering phenomena wherein specific tunnels were filled upon electrochemical insertion. Regardless, the insertion was entirely reversible given that the reflection disappeared on demagnesiation. Interestingly, upon charging, the (001) reflection returned to an angle higher than that of even pristine z-V 2 O 5 , most likely as a result of the removal of a very small amount of The electrochemically magnesiated z-V 2 O 5 nanowires were also investigated by TEM techniques, which are depicted in Figure 6 (collected after the initial discharge cycle). The atomic-resolution HAADF image ( Figure 6A ) for the electrochemically magnesiated z-V 2 O 5 nanowires clearly identifies the V atomic framework. This image can be compared directly with the structural model of pristine z-V 2 O 5 overlaid on the experimental image, which similarly shows only V atoms along the [110] zone axis. This verifies that these z-V 2 O 5 nanowires retained their tunnel structure upon Mg-ion insertion, consistent with the high structural reversibility seen in the XRD data presented in Figures 4A and S4 . Evidence of Mg-ion intercalation is provided by EDX analysis. The atomic-resolution HAADF image used for EDX line scan is presented in Figure S5A , which was also acquired along the [110] zone axis. The EDX line scan presented in Figure S5B , performed perpendicular to the tunnels along the z direction, shows clear evidence of Mg, indicating the presence of Mg within the tunnel sites. The integrated EDX spectra collected along the same line scan is presented in Figure S5C . This value is also consistent with the extent of Mg-ion insertion levels deduced from the stabilized discharge capacity of 90 mA hr g À1 after 50 cycles ( Figure 5A ). The close agreement among the EDX-quantified Mg content within the tunnels, the capacity deduced electrochemically, and the occupancy values obtained from Rietveld refinement for chemically magnesiated samples is remarkable and indeed provides strong corroboration for topochemical Mg-ion intercalation and suggests that reversible Mg-ion insertion, rather than proton insertion (which has been observed for layered vanadium oxides), is the origin of the observed capacity. 24 This is indeed further supported by the absence of distinctive water signature in the X-ray absorption spectra collected for the magnesiated samples ( Figure 7A ).
The large hysteresis in the electrochemical curves ( Figure 5 ) complicates the definition of a value of equilibrium potential. We obtained an average voltage of 1.65 V versus Mg 2+ /Mg 0 by simply taking the average of the values at which Mg insertion and deinsertion were observed in Figure 5A , as measured in plots of the corresponding first derivative (dQ/dV; Figure S6 ). 
Electronic Structure Considerations
Cation insertion into a cathode framework necessitates concomitant reduction of the transition-metal center to maintain charge balance. In the case of z-V 2 O 5 , the oxidation state is expected to change from exclusively V 5+ to mixed valence V 5+ /V 4+ , making a detailed study of its electronic structure necessary both for confirming Mg-ion insertion and for explaining electronic contributions to facile diffusion. As such, we studied the electronic structure of this material as a function of topochemical insertion and extraction and electrochemical cycling. Scanning transmission X-ray microscopy (STXM) was used as a spectrally and spatially resolved probe of the unoccupied density of states of the empty z-V which fills the X-ray excited 2p 1/2 hole with a 2p 3/2 electron, renders the V L II edge less informative; however, the V L III -edge (immune to this process) displays a fine structure, which can be assigned on the basis of previous electronic structure calculations as well as with analogy to measurements for orthorhombic a-V 2 O 5 . Figure 7C , which provides a schematic depiction of the hybridization of the V 3d orbitals and O 2p orbitals in the valence and conduction bands. Figures 7D and 7E suggest that the valence band is derived primarily from O 2p states, whereas the conduction band is primarily V 3d in origin. z-V 2 O 5 has three separate crystallographically inequivalent vanadium atoms; however, the conduction band edge primarily comprises V 3d xy states derived from one of the vanadium atoms (the V 3d xy states for the other two vanadium atoms are slightly higher in energy), although these states are not split off from the rest of the conduction band as in a-V . V K-edge measurements were particularly sensitive to the vanadium oxidation state. In particular, the peak centroid position and peak intensity of the pre-edge feature centered at $5,470 eV were critically sensitive to the vanadium oxidation state and local V coordination environment. 71 The observed shift of the peak centroid to lower energies was monotonic with increasing magnesiation, providing direct evidence of the decreasing local oxidation state of the vanadium within the lattice (the peak position of this feature in VO, which was exclusively V 4+ , was centered $2 eV below that of V 2 O 5 ). 25 The monotonic decrease in the vanadium valence state with increasing concentrations of Mg source (di-n-butylmagnesium), where solvent water levels were held constant at <20 ppm, strongly suggests that vanadium reduction is due to further Mg 2+ insertion into the lattice rather than proton insertion within the tunnels, as has been observed in a-V 2 O 5 .
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The O K-edge XAS spectra reflect transitions of O 1s core electrons to O 2p states, which in turn are hybridized with V 3d states and thus reflect their crystal field splitting. Figure 7 also suggests that there was no substantial Mg-O hybridization, as we observed for other M x V 2 O 5 bronzes. 73 Upon magnesiation, the changes in the O K-edge can be understood with respect to the orbital-projected density of states plotted in Figures 7F and 7G . The O K-edge XANES for z-V 2 O 5 split into two separate manifolds centered at ca. 529.2 and 531.2 eV, which can be attributed to transitions to V3d-O2p hybrid states of t 2g and e g symmetry corresponding to p and end-on s interactions, respectively. Upon insertion of Mg ions, Figure 7 suggests a diminished spectral weight for the t 2g peaks and a broader energy dispersion. These spectral changes can be directly correlated to Mg-ion intercalation. Figures 7F and 7G indicate that upon magnesiation, the low-lying V3d xy and 3d yz states were filled and gave rise to ''mid-gap'' states, resulting in loss of spectral intensity from the t 2g manifold. Furthermore, the structural distortion induced by magnesiation yielded a distinctive crystal-field splitting pattern wherein the V 3d xz states appeared at energies intermediate between the t 2g (V3d xy and 3d yz ) and e g (V3d z2 and 3d x2-y2 ) levels. This splitting pattern was reflected in a broader spread of energies and decreased separation between the t 2g and e g peaks. The wellresolved two-peak line shape for z-V 2 O 5 was again completely recovered at the O K-edge upon extraction of the Mg ions by treatment with NOBF 4 ( Figure 7A broadness of the resonances stems from the facile diffusivity of Mg ions in these compounds, which thereby yield a broad range of local environments. First-principle calculations of Mg K-edge spectra are thus far not available for these compounds, but it appears that the samples intercalated by reaction with di-n-butylmagnesium show greater structure and are better ordered, which might be a result of the higher temperature of the latter process.
The electrochemically magnesiated samples were also analyzed by electron energy loss spectroscopy (EELS), presented in Figures 6B and 6C (data collected after X cycles). A comparison of EEL spectra between pristine and electrochemically magnesiated z-V 2 O 5 is provided. The EELS data for the electrochemically magnesiated z-V 2 O 5 were extracted from three areas probed during a line scan, as indicated in the HAADF image in Figure 6B . The O K-pre-edge showed a sharp feature in the case of the pristine EEL spectrum, which lost intensity in the case of the electrochemically magnesiated sample. Furthermore, the ratio of the two peaks at 531 and 533 eV corresponding to t 2g and e g , respectively, inverted upon magnesiation, which is consistent with studies on the electronic structure of V 2 O 5 on lithiation. 41, 67 It has previously been reported 76 that the relative intensity of O K-pre-edge compared with V L III -edge increases linearly with the valence of vanadium. Hence, the decreased intensity when moving from the pristine to the electrochemically magnesiated sample indicates a reduction of the compound, consistent with a true Mg 2+ insertion reaction. It is also consistent with the XAS data presented in Figure 7 , wherein loss of spectral intensity from the t 2g manifold of O K-edge can be seen going from the pristine to the chemically magnesiated z-V 2 O 5 sample, further confirming the similarities between the chemical and electrochemical processes reported here. An interesting aspect of the magnesiation of z-V 2 O 5 is the appearance of hybrid V-O mid-gap states that evolved 0.5 eV below the Fermi level and were completely absent in empty z-V 2 O 5 . At low Mg-ion concentrations, the mid-gap state primarily had V 3d xy and O p x/y/z hybrid character. With increasing magnesiation, the mid-gap state took on significant V d yz character and overlapped the valence band. With increasing magnesiation, the band gap was thus strongly reduced. The eventual degeneracy of the V 3d xy and 3d yz states is in marked contrast to a-V 2 O 5 , where lithiation or magnesiation yields distinct band-gap polaronic states 16, 41 that are derived exclusively from the non-degenerate V 3d xy states. In other words, electron localization and the formation of small polarons are partially mitigated by the higher overlap of the V 3d xy and 3d yz states in z-
Several of our previous studies in V 2 O 5 systems have highlighted the role of polaron formation in hindering ion diffusion, particularly in the thermodynamically stable a-V 2 O 5 phase. 41 The roles of electronic structure, band gap, electron localization, and self-trapping of ions in polaronic wells have not been emphasized within the literature. Rather, much attention has been paid to rationalizing the slower solid-state diffusion kinetics of Mg 2+ than of Li + solely in terms of the increased polarization of the cathode lattice as a result of the increased charge-to-radius ratio (''hardness'') of the divalent Mg ion. 13 Surely, this increase in polarizing ability represents a serious fundamental impediment and contributes a great deal to the reported slow diffusion kinetics; however, given the role of polaron formation deduced in limiting lithiation of a-V 2 O 5 , a similar evaluation is warranted here for the z-V 2 O 5 polymorph. Considered fundamentally, the diffusion of an inserted charged species can be separated into two components: the diffusion of the cationic species through the lattice and the diffusion of the electron through specific hybrid states of the cathode lattice (which in transition-metal oxides is closely coupled to specific phonon modes, i.e., a polaron). 41, 77, 78 Indeed, the theoretical calculations that we performed in this work and in previous work (the methods used for the calculations are given in explicit detail in the Supplemental Experimental Procedures) 16, 41 were aimed at isolating and independently calculating the diffusion barriers to the polaron within the V 2 O 5 lattice (in the absence of Li + or
Mg
2+
) and to the Li-or Mg-ion diffusion in the lattice without the polaron(s) (calculations are described in the Supplemental Experimental Procedures, and the results are tabulated in Table S4 ). The results of these calculations, which showed a reduction in both the ionic diffusion barrier (from 1,200 meV for a-V 2 O 5 to 600-900 meV) and the polaronic diffusion barrier (100 meV per polaron) when moving from a-V 2 O 5 to z-V 2 O 5 , indicate that the reduction in ionic diffusion barrier caused by the frustrated coordination environments of z-V 2 O 5 represents the larger contribution to the overall reduction in diffusion barrier; however, the reduction of 100 meV per polaron (two polarons) represents between 25% and 40% of the overall calculated reduction in diffusion barrier between the two polymorphs and thus appears to contribute to the improved Mg Table S3 ) than for the thermodynamically stable a-V 2 O 5 (340 meV) 41 when a single polaron was stabilized in close proximity to the inserted Li + (100 meV reduction in polaron diffusion barrier for a single polaron). This is the energy barrier for diffusion of one half of the bipolaron. The ability of z-V 2 O 5 to mitigate the depth of the polaronic well becomes more important when moving from the monovalent case, where the diffusion of one polaron is coupled to the diffusion of one Li + , to the divalent case at hand, where the diffusion of Mg 2+ is coupled to the diffusion of two polarons, whereby the reduction in diffusion barriers is doubled in the divalent case (equating to a 200 meV reduction in polaronic diffusion barrier). Therefore, despite the apparent dominance of the ionic diffusion barrier, mitigating polaron diffusion barriers is nonetheless important as a means of mitigating self-trapping. 26 Despite the difficulty in directly comparing electrochemical measurements, the results here mark a significant improvement over the other phases. The reported capacity and cycle stability are furthermore comparable with capacities reported for MnO 2 (100 mA hr g -1 at 20 cycles) 79 and Mg x Mo 6 O 8 (60 mA hr g -1 at 2,000 cycles). 63 For reference in qualitatively comparing various proposed Mg-ion cathode materials, previously reported performance values for several phases are included in Table S5 .
The markedly improved Mg-ion capacity observed in the metastable z-V 2 O 5 polymorph can be attributed to a combination of several factors. First, Figure 2C confirms a square-pyramidal MgO 5 local coordination sphere as predicted by DFT calculations, as depicted in Figure S10 . 16 Because of the open-tunnel-structured framework of the z-V 2 O 5 structure, inserted cations can occupy several possible sites. 28 For smaller cations, two of these sites are relevant at low values of x in M x V 2 O 5 : the b and b 0 sites, which correspond to coordination environments defined by five and four oxygen atoms, respectively. Nudged-elastic-band calculations indicate that the diffusing Mg 2+ traverse a pathway between these two sites through a trigonal planar transition state. These coordination sites and their specific location within the z-V 2 O 5 structure are depicted in Figure S10B . This pathway represents the lowest-energy diffusion pathway within this structure and, most importantly, requires only a minimal change in formal coordination number along the pathway from the 5-coordinate b site through a 3-coordinate transition state and finally to the 4-coordinate b 0 site. In the next half of the pathway, the 53 This is important because a greater degree of covalency for molybdenum-sulfur bonds in relation to the typically more ionic nature of the metal-oxide bonds has been cited as an effective way to screen the charge of diffusing Mg 2+ and as the primary origin of faster Mg-ion diffusion kinetics observed in the molybdenum sulfide cluster-based Chevrel phases. 6, 43, 44 From a thermodynamic perspective, the metastability of the z-V 2 O 5 polymorph contributes to an ab-initio-calculated voltage larger than that calculated for the thermodynamically stable a-V 2 O 5 and leads to an average operating voltage above 1.65 V versus Mg 2+ /Mg 0 ( Figure 5 ), which represents a gain with respect to the low operating voltages that have been a drawback of the Chevrel phases. Although the electrode reaction is viable and remarkably reversible, the insertion kinetics are somewhat sluggish, as hinted by the large hysteresis in potential between charge and discharge. It is likely that mitigating this issue requires much smaller particle sizes, which will be a focus of subsequent research. High-resolution powder XRD data for the topochemically leached z-V 2 O 5 and for b-Mg x V 2 O 5 were obtained at beamline 11-BM of the Advanced Photon Source at Argonne National Laboratory (l = 0.4136860 Å ). Rietveld refinement of the collected data was performed with the GSAS/EXPGUI software suite. 80 Unit cell parameters, atom positions, thermal parameters, and site occupancies were refined and are listed in Table S1 . All structural images depicted were generated with the VESTA software suite. 81 More details concerning data collection and processing by Rietveld refinement are provided in the Supplemental Experimental Procedures. TEM images and electron diffraction patterns were acquired with a JEOL JEM-3010 operated at 300 keV. The STEM images and EELS and EDX data were acquired with a probe-side aberration-corrected JEOL JEM-ARM200CF with a cold field emission gun operated at 200 keV. Further details for the STEM, EELS, and EDX conditions are provided in the Supplemental Experimental Procedures.
X-Ray Absorption Spectroscopy and Microscopy STXM measurements were performed at the SM (10-ID1) beamline of the Canadian Light Source, a 2.9 GeV third-generation synchrotron facility. Right circularly polarized X-rays, generated by an elliptically polarized undulator, were used in the experiments. A 25 nm outermost-zone zone plate was used to obtain a diffraction-limited spatial resolution better than 30 nm. A 500 line mm À1 plane grating monochromator was used to acquire the V L-edge and O K-edge spectral stacks. Ensemble Mg K-edge XANES spectra were collected in the energy range between 1,290 and 1,350 eV at the resonant elastic and inelastic X-ray scattering beamline (10-ID2) with the X-ray emission spectroscopy end-station at the Canadian Light Source. Microprobe measurements at the V K-edge were performed at the Advanced Light Source bending magnet beamline 10.3.2 (2.4-17 keV) with the storage ring operating at 500 mA and 1.9 GeV.
Preparation of Electrodes and Electrolyte for Electrochemical Cycling of z-V 2 O 5
The z-V 2 O 5 powder was first thoroughly mixed with acetylene black as a conductive agent and a polymeric binder to form a slurry. The slurry was coated on an aluminum foil substrate and dried overnight. Figure 5A .
Electronic Structure Calculations
Electronic calculations were performed with the DFT 82,83 method as implemented in the Vienna ab initio Simulation Package (VASP). 84 The electron-exchange correlation was accounted for with the Perdew-Burke-Ernzerhof formulation of the generalized-gradient approximation (GGA). 85 An on-site Hubbard U potential of 4.0 eV was used for the vanadium centers as benchmarked in previous studies. 16, 86 Electron-ion interactions were incorporated with projector-augmented waves with a kinetic energy cutoff of 600 eV. In the total-energy calculations, a Monkhorst-packed reciprocal space grid of 4 3 4 3 4 k-points for the unit cells and 2 3 2 3 2 k-points for the supercells was used for sampling the first Brillouin zone. Further details of experimental and computational methodologies are available in the Supplemental Experimental Procedures. 
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